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The effects of glass-fibre reinforcement and annealing on the deformation and fracture
behaviour of nylon 6,6 were investigated. The roles of glass fibres were examined by varying
the glass fibre content and the fibre length, and by /n situ fracture studies in front of crack
tips. The effects of microstructural changes were investigated by imposing various annealing
conditions on the specimens. The results indicated that the fracture toughness showed a sharp
decrease due to stress concentrations at fibre ends when the fibre volume fraction was small.
Above a critical fibre volume fraction, it was found that the fracture toughness can be
substantially increased by enhanced localized matrix plasticity at fibre ends. The competing
roles of glass fibre ends were consistent with microstructure sensitive fracture mechanics
models of failure based on the attainment of a critical stress or strain over a critical
microstructural distance in the crack-tip region. Upon annealing above a critical annealing
time the unreinforced nylon 6,6 showed a drastic decrease in the strength and ductility,
corresponding to a loss of the constant-load deformation region prior to necking. However,
the fracture toughness of unreinforced nylon 6,6 was only moderately reduced by annealing.
On the other hand, the fracture toughness of the composites showed a significant increase
upon annealing. The combined effects of glass fibres and annealing on microstructures and
overall property optimization of the composites are also discussed.

1. Introduction

Short glass fibre-reinforced semi-crystalline polymers,
such as glass fibre-reinforced nylon 6,6, have been
increasingly used in many structural applications ow-
ing to their enhanced mechanical properties [1-5]. It
is known that the glass fibres can increase the
material’s strength and modulus, but can also decrease
the material’s ductility significantly, and thereby limit
the property enhancement [6]. For example, in glass
fibre-reinforced nylon 6,6, the tensile modulus of
nylon 6,6 was substantially improved by glass fibres;
however, the strength enhancement was limited by an
embrittlement effect at fibre ends [7]. Tensile failure of
such composites occurred by the initiation and propa-
gation of interfacial cracks formed at fibre ends [7-9].
On the other hand, upon loading, significant localized
plastic deformation around the glass fibres was also
observed in the composites [7, 10]. As the amount of
glass fibre increases, such localized matrix plasticity
can be very significant and potentially may enable the
material to deform without macroscopic brittle fail-
ure, thereby enhancing the fracture toughness of the
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composites [11]. However, such competing effects of
glass fibres on the mechanisms of deformation and
fracture of glass-filled nylon 6,6 have not been sys-
tematically studied. Furthermore, changes in the
microstructures of the matrix materials, such as spher-
ulite size, mo)rphology and crystallinity can also affect
the deformation behaviour of the material and thus
the fracture properties of the composites [12, 13].
Increases in crystallinity by annealing, for example,
are known to affect the mechanical properties of a
semi-crystalline polymer significantly [14-247]. The
combined effects of the fibre-matrix interactions on
the overall deformation and fracture behaviour of a
composite due to changes in microstructures have yet
to be fully investigated [10, 25].

The annealing effects on the mechanical properties
of a semi-crystalline polymer have been studied by
many investigators [14-24]. For example, in studying
the annealing behaviour of polypropylene (PP),
Schotland [21] has shown that a critical annealing
temperature was found, where a drastic decrease in
ductility was observed. In nylon 6,6, similar changes in
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the ductility by annealing were also reported [16, 18]
and were suggested by Bell and Dumbleton [19] to be
a result of conversion from chain-folded crystals (form
I material) to partially extended crystals (form II
material). On examining-the annealing behaviour of
poly(ethylene terephthalate) (PET), Elenga et al. [20]
have also suggested that the drastic loss in drawability
during annealing resulted from a morphological
change due to transesterification in the amorphous
phase. Other mechanisms, such as reorganization and
perfection of most defective crystals [21, 22] and
reduction of tie-chain molecules during lamellar
thickening upon annealing [23, 24], have also been
suggested to explain the observed annealing effects on
the deformation behaviour of the materials. In the
case of nylon 6,6 composites, however, the annealing
effects on the mechanical properties of nylon 6,6 can
be further complicated by the presence of glass fibres
[25, 26].

In this study the deformation and fracture behav-
iour of a glass fibre-reinforced nylon 6,6 was examined
by varying the content of glass fibres and the an-
nealing conditions. In Part I {27], the effects of glass
fibres and annealing conditions on the microstructural
and morphological aspects have been presented. In
this paper, the mechanical behaviours of nylon 6,6
matrix composites will be addressed.

2. Experimental procedure

2.1. Materials

The materials studied were poly(hexamethylene adip-
amide), or nylon 6,6, reinforced by chopped E-glass
fibres. Details of the materials and microstructure are
provided in Part I [27]. Both tensile specimens
(ASTM D638) and 6.35mm thick bend bars were
injection moulded. Seven loading levels of fibre re-
inforcement, unreinforced, 1, 5, 10, 20, 30 and 40 wt %
of the matrix, respectively, were examined. In order to
investigate the effects of glass-fibre length on the
mechanical properties of nylon 6,6 composites, a sep-
arate batch of composites were also made by diluting
the 40 wt % glass composite with nylon 6,6 by re-
extrusion, followed by injection moulding. Because
fibre breakdown during injection moulding was very
significant in the 40 wt % glass composite [27], the
average fibre length in the diluted composites was
expected to be smaller than in the non-diluted com-
posites. Composite specimens with glass fibre levels of
10, 20, 25 and 30 wt % were made in the diluted batch.
The average glass-fibre lengths of the diluted and non-
diluted composites are listed in Table 1. To avoid
moisture and light degradation effects, after injection
moulding the specimens were kept in sealed PE film
inserted inside a hot-seamed aluminized paper until
they were tested.

The degree of crystallinity of the materials studied
was changed through annealing of the specimens at
150°C for various times. Three sets of samples, the
unreinforced, 10 and 30 wt % glass-filled composites,
respectively, were used to investigate the effects of
annealing on the mechanical properties of the nylon
6,6 composites. Details of the annealing process and
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TABLE [

Glass fibre Average fibre length (um)

content

(wt %) Non-diluted Diluted
composite composite

10 3804 291.3

20 364.4 281.7

25 - 214.5

30 263.1 2135

40 2321 237.1

crystallinity determination were discussed in Part I
[27].

2.2. Mechanical properties

The tensile properties of the materials studied were
examined by the procedure of ASTM D-638 using a
computer-controlied Instron hydraulic testing ma-
chine. Five specimens of each glass-fibre loading level
and four annealed tensile samples at each annealing
time were tested. The displacement rate used for all
tensile testing was 5 mmmin ~—®. All tests were carried
out at room temperature upon removal of specimens
from the specimen storage bags.

2.3. Fracture toughness

The plane-strain fracture toughness, K., was deter-
mined using a three-point bend method [28] on pre-
cracked 6.35 mm thick bend bars. Pre-cracks were
introduced into the specimens by inserting a fresh
razor blade into a machined notch. Three bend sam-
ples were tested for each glass-fibre content and for
each annealing condition. All tests were carried out at
a speed of 5 mm min " ! and at room temperature upon
removal of specimens from their moisture-proof bags.
The thickness requirement for valid true plane-strain
fracture toughness, K¢, was checked using the equa-

tion
KQ2
= 25— 1
B 25<0> M

y

where K, is the apparent fracture toughness and o,
is the yield stress. The thickness requirement of
Equation 1 for K- was satisfied for all glass-filled
composites, but was not satisfied for the case of un-
reinforced nylon 6,6 for which case Kq # K.

2.4. In situ fracture observation and
fractography

To provide a mechanistic understanding of the frac-
ture behaviour in nylon 6,6 composites, the deforma-
tion and fracture process ahead of crack tips were
observed in situ, as was done recently [10], by using a
buckled-plate fixture [29] under an optical micro-
scope. The details of this experimental technique have
been reported elsewhere [10].

Fracture surfaces of the materials studied were also
examined by scanning clectron microscopy (SEM})in a



Joel ISM 5200 electron microscope after fracture of the
specimens.

3. Results

3.1. Tensile properties

3.1.1. Unreinforced nylon 6,6

The stress—strain curve of the unreinforced nylon 6,6 is
shown in Fig. 1. Note that, after yielding, two distinct
plateau regions in the stress—strain curve were ob-
served. The onset and propagation of necking ap-
peared only from the start of the second plateau
region. In the first plateau region, the material was
deformed at a constant load higher than the load
required for neck propagation, and the deformation
accumulated almost half of the total strain.

Further studies using loading—unloading tests (see
Fig. 2) indicated that the energy loss during unload-
ing-reloading, E, or the hysteresis, increased with
increasing strain in the first plateau region. However,
the hysteresis remained constant in the second plateau
region after necking commenced. In Fig. 3, the hyster-
esis energy is plotted against the strain at unloading.
As can be seen, the hysteresis increased significantly in
the first plateau region and dropped to a constant
value after the formation of necking.

After annealing, some work hardening was exhibit-
ed in the first plateau region giving rise to a maximum
strength higher than the yield stress (see Fig. 4). The
change in the yield stress, tensile strength and the
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Figure I The nominal stress—strain curve for the unreinforced
nylon 6,6.
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Figure 2 The load—-displacement curve of the unreinforced nylon
6,6 showing the hysteresis in the plateau regions.

54 o/

i

|

]

|

|

|

|

|

: el

1 ! I

3 mﬁz{ |

|

|

|

|

|

|

|

|

|

Ehys (J)

/j

Necking

0 —
0 10 20 30 40 50 60 70 80
Strain {%)

Figure 3 The energy loss of hysteresis versus corresponding strain
at unloading for the unreinforced nylon 6,6.

Stress (MPa)

80

Strain (%)

Figure 4 The stress—strain curves for the unreinforced nylon 6,6
annealed for 1, 12 and 43 h in vacuum.

stress for neck propagation, namely, the second pla-
teau stress, as a function of annealing time is plotted in
Fig. 5. As can be seen, annealing for only ! h produced
a significant drop in all stress levels. This is consistent
with the fact that thermal residual stresses due to
injection moulding were removed during the first hour
of annealing. It is expected that the yield stress would
be significantly lowered if the compressive residual
stresses on the specimen surface were removed. The
thermal residual stresses in the injection-moulded spe-
cimens were estimated using the parabolic law [30]

oEAT (1 22
o = i) @

where z is the distance from specimen centre and
zy is the half specimen thickness. By using o = 81
x107SK™' E=1829MPa, v=046 and AT
= 190 K, the estimated residual stress is found to be
— 17.4 MPa on the specimen surface, which corre-
lates well with the magnitude of the decrease in the
stress levels observed.

Annealing for times greater than 1 h causes the yield
stress and fensile strength to increase (see Fig. 5).
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Figure 5 The annealing effects on the (A) yield stress, (O) tensile
strength and (V) the stress for neck propagation of unreinforced
nylon 6.,6.

Beyond 28 h annealing in vacuum, there was a sudden
change from ductile post-yield to brittle pre-yield
fracture of the tensile specimens, as represented by a
sharp drop of the tensile strength in Fig. 5. Exam-
ination of the fracture surfaces of unannealed tensile
specimens by SEM (Fig. 6) revealed ductile drawn
fibrils of about 10 um diameter. A closer look (see
Fig. 6b) revealed the presence of interlinks between
these drawn fibrils. On the other hand, the fracture
surface of the tensile specimens annealed above the
critical level showed a brittle fracture surface, as
shown in Fig. 7. Upon closer examination, the brittle
fracture surfaces (Fig. 7b) appeared to be trans-
spherulitic. The transition from ductile to brittle frac-
ture above a critical crystallinity by annealing
( ~ 40% in our case) has also been reported in other
semi-crystalline polymers, such as PP [21], nylon 6
[18, 31] and PET [20].

In Fig. 8 the fracture strain, g, yield strain, ¢,, and
the strain at the onset of necking, €., are plotted as a
function of annealing time. Note that the first hour of
annealing produced an increase in the yield and frac-
ture strain, which resulted from a removal of residual
thermal stresses after annealing. The difference be-
tween the fracture strain and the strain at the onset of
necking (g — £,..), 18 the necking strain. Note from
Fig. 8, that there was no significant necking strain
beyond about 6 h annealing ( ~ 37% crystallinity). On
the other hand, (g, — &,) is the first plateau strain. It
is evident from Fig. 8 that the onset of brittle behav-
iour represented a loss of strain equivalent to the first
plateau strain (g,.¢ — &)

3.1.2. Nylon 6,6 composites
Fig. 9 shows the stress—strain curves for 1, 5, 10, 30
and 40 wt % glass fibre-reinforced nylon 6,6. As can be
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Figure 6 Scanning electron micrographs of the tensile fracture sur-
face of unreinforced nylon 6,6 prior to annealing. (a) Low magnific-
ation, (b) higher magnification.

seen, the addition of small amounts of glass fibres
caused the materials to fail at a relatively low strain,
and the failure was in a brittle pre-yield manner. When
the nylon 6,6 was reinforced by glass fibre contents
greater than 30 wt %, yielding prior to fracture was
observed. In Fig. 10 the tensile moduli of the com-
posites are plotted as a function of glass-fibre content.
The modulus prediction using the Haplin—Tsai equa-
tion [32] is also shown in Fig. 10. Note that the
prediction of the Haplin—Tsai equation based upon
discontinuous fibre reinforcement overestimates the
modulus of composites with glass content greater than
20 wt %. This is consistent with the microstructural
observation in Part I [27], namely that a significant
reduction of glass fibre lengths was found in the
composites with glass-fibre content greater than
20 wt %. Also note that in the case of diluted com-
posites, which have a shorter average fibre length, the
tensile moduli were lowered as compared to the non-
diluted composites.

The composite yield stress and the strain at break
versus glass-fibre content are shown in Fig. 11a and b,
respectively. Note that the composites with glass con-
tents ranging from 1-20 wt % were found to fail be-
fore macroscopic yielding occurs, resulting in a “dent-
ed” curve as shown in Fig. 11a. Similar results can also
be found in the composite strain at break shown in
Fig. 11b. The reappearance of macroscopic yielding



Figure 7 Scanning electron micrographs of the tensile fracture surface of unreinforced nylon 6,6 after 43 h annealing in vacuum. (a) Low

magnification, (b) higher magnification.
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Figure 8 The annecaling effects on the (@) fracture strain, (A) yield
strain and () the strain at the onset of necking in the unreinforced
nylon 6,6.

before sample failure was only seen in the composites
with glass-fibre content greater than 30 wt %. In the
diluted composites, the tensile strength was reduced
(cf. Fig. 11a); however, ductilities were increased as
compared to the non-diluted composites (cf. Fig. 11b).
Furthermore, the transition from brittle pre-yield fail-
ure to ductile post-yield failure occurred at the smaller
fibre content of 25 wt % compared to 30 wt % for the
non-diluted composites.

Upon anpealing, the tensile strength of the 30 wt %
glass-filled composite were found to increase (see
Fig. 12) while in the 10 wt % glass composite, a slight
increase followed by a decrease in tensile strength was
observed. In Fig. 13 the ductility of annealed 10 and

250

2001 40%

30%

Stress (MPa)

o lllllllllllIIIIllLlllllllllllI(llLilll

0 2 4 6 8
Strain (%)

Figure 9 The effects of glass fibres on the nominal stress-strain
curves of nylon 6,6 composite.

30 wt % glass-filled composites is plotted against the
annealing time. Fig. 13 indicates a drop in ductility
beyond a critical level of annealing. However, the
magnitude of the drop in ductility, as well as the
change of deformation mode observed in load-
displacement curves, was not as significant as in the
case of unreinforced nylon 6,6. The annealing effects
on the tensile modulus, Fig. 14, were found to be only
marginal for all the three sets of materials examined.
Although one would expect an increase in elastic
modulus by annealing due to an increase of crystallin-
ity, the increases in the matrix crystallinity were lim-
ited in our case [27] and hence the change in elastic
modulus by annealing was not sigpificant.
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Figure 10 The effects of glass fibres on the tensile modulus of nylon
6,6 composites. {....) Halpin—Tsai equations. (A} Non-diluted,
(@) diluted composites.

3.2. Fracture toughness
The plane-strain fracture toughness, K, as a function
of glass-fibre content is shown in Fig. 15. Notice that
the K,c values of nylon 6,6 composites were lowered
considerably by adding as little as 1 and 5 wt % glass
fibres. Above about 10 wt % fibre content, the fracture
toughness began to increase as the fibre content in-
creased. However, as clearly seen from the “dented”
K¢ curve shown in Fig. 15, only the specimens of the
non-diluted batch with fibre content greater than
30 wt % showed a higher toughness value than that of
their matrix material. Thus, as in the case of tensile
properties, the transition to improved toughness of the
composites is again associated with the glass fibre
content of 30 wt %. In the case of diluted composites,
however, the embrittlement effects due to the addition
of glass fibres were found to be reduced and the
composites showed much higher fracture toughness as
compared to the non-diluted composites (see Fig. 15).

Mechanistic understanding of the embrittlement
and toughening effects by glass fibres on the fracture
toughness behaviour was provided by in situ fracture
observations in front of a loaded crack tip. The results
indicated that in the composites with low contents of
fibre reinforcement, only a small amount of matrix
plastic deformation was observed in the crack-tip
region (see Fig. 16) and no fibre—matrix interfacial
debonding could be observed prior to crack propaga-
tion. Fracture occurred by catastrophic propagation
of the crack through linking up with the stress concen-
trated regions of fibre ends. Accordingly, little fibre
bridging and fibre pull-out (see Fig. 17) occurred in the
composites with low glass-fibre contents.

On the other hand, in the specimens containing
more than 30 wt % glass fibres it was found that a
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Figure 11 The effects of glass fibres on the tensile properties of
glass-filled nylon 6,6: (a) fracture strain, and (b) yield stress versus
glass-fibre content. (A) Non-diluted, and (@) diluted composites.

greater degree of matrix plastic deformation occurred
in the crack-tip region and at fibre ends, with the
plastic zone size large enough to envelope fully several
fibres (see Fig. 18). Similar results have also been noted
by Sato et al. [8]. Limited stable crack growth due to
crack bridging by unbroken fibres (see Fig. 18c) and a
higher degree of fibre pull-out (see Fig. 19) were also
observed. Such crack-wake toughening effects in the
composites by glass fibres were not accounted for in
the measurement of the K¢ values. The reported K¢
values are frontal zone toughness values. Attempts to
characterize the R-curves of the composites were un-
successful because of the relatively brittle nature of the
materials.

In the diluted composites a somewhat larger plastic
deformation zone, compared to the non-diluted case,
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Figure 13 The annealing effects on the fracture strain of glass fibre-
reinforced nylon 6,6. (A) 10 wt %, () 30 wt % glass composites.

was observed in the crack tip region, see Fig. 20a and
b. Also, as can be seen in Fig. 20, the crack-tip opening
prior to crack advance appeared to be larger in the
diluted composites than in the non-diluted composites
at the same value of the applied stress-intensity factor.

The observed fracture mechanisms in the glass
fibre-reinforced nylon 6,6 during crack initiation, or
the crack front stage, are summarized schematically in
Fig. 21. As can be seen from the above results, together
with the fracture toughness measurements, it is sug-
gested that a critical glass-fibre volume fraction is
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Figure 14 The annealing effects on the tensile modulus of (@)
unreinforced, (A) 10 and (#) 30 wt % glass-filled composites.

9

0 10 20 30 40 50
Glass fibre content {wt %)
Figure 15 The effects of glass fibres on the fracture toughness, K,

of (A) the glass fibre-reinforced nylon 6,6, and (®) diluted com-
posites.

Figure 16 In situ fracture observation in front of a pre-crack shows
limited crack-tip plasticity in 10 wt % glass-filled nylon 6,6.
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Figure 17 Scanning electron micrograph of the fracture surface in
low glass-containing composite showing little fibre pull-out.

needed in order to provide adequate matrix plasticity
in the crack front so that failure occurs by ductile,
rather than a brittle, failure mode. In our case, the
critical glass-fibre content was found to be 30 wt % in
the non-diluted composite specimens. Mechanisms in
providing plasticity in the crack front will be further
addressed in Section 4.

The annealing effects on the fracture toughness of
both the unreinforced and glass fibre-reinforced nylon
6,6 are shown in Fig. 22. It should be noted, as

Figure 19 Scanning electron micrograph showing fibre pull-outs in
the fracture surface of 30 wt % glass-filled composites.

mentioned, that in the case of unreinforced nylon 6,6
the toughness values measured were the apparent
fracture toughness, Ko, because the specimen thick-
ness used was slightly smaller than the thickness
required for true plane-strain fracture toughness (see
Equation 1). As can be seen in Fig. 22, there was no
significant change in the toughness for the unreinfo-
rced nylon 6,6 as the annealing time increases. This
result was unexpected, because a transition from duc-
tile post-yield fracture to brittle pre-yield fracture in
tensile testing has been observed upon annealing
above a critical level. This discrepancy will be dis-
cussed in Section 4.

In the case of composites shown in Fig. 22, the
30 wt % glass-filled composites showed a significant
increase in the fracture toughness by annealing. In the
10 wt % glass-filled composites, the increase in tough-
ness due to annealing was less significant.

Figure 18 In situ fracture observations of 30 wt % glass composite
showing (a) higher degree of matrix plasticity in the crack front,
(b) formation of deformation zone by connecting the plasticity
region at fibre ends, and (c) limited crack bridging by glass fibres in
the crack wake.




Figure 20 In situ fracture observations of plastic deformation zone
at the same applied stress intensity: (a) 10 wt % non-diluted com-
posite, (b) 10 wt % diluted composite.
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Figure 21 Schematic summary of the fracture mechanisms in the
crack front of nylon 6,6 composites as observed by in situ fracture
observations in (a) low glass-containing composites, and (b) high
glass-containing composites.
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Figure 22 The annealing effects on the fracture toughness, K¢, of
nylon 6,6 with (A) 10 wt %, () 30 wt %, and (@) without glass-
fibre reinforcements.

4. Discussion
4.1. Deformation behaviour of unfilled

nylon 6,6
In the tensile stress—strain behaviour of unfilled nylon
6,6 it was found that two plateau regions exist in the
stress—strain curves. Other results [33] in uniaxial
tensile tests of nylon 6,6 also indicated the existence of
two plateaus in the load—displacement curves, and an
increase in the test speed tends to decrease the amount
of deformation in the first plateau region. Similar
stress—strain curves with two plateau regions have
also been observed in other semi-crystalline polymers
of poly(butylene terephthalate) (PBT) [34] and nylon
6 [35]. In semi-crystalline PBT, it has been found that
the existence of the first plateau is related to a stress-
or strain-induced phase transformation [36]. Previous
studies on PBT [34] have shown that an increase in
hysteresis with increasing strain in the first plateau is
consistent with a deformation mechanism associated
with a phase transformation. In such case, it was
shown that [34]

Ehys o (8 o Sy)n (3)

where E,, is the hysteresis energy loss, €, is the yield
strain and »n was found to be about 0.5. Fig. 23 is a
similar plot using the results from our study. As can be
seen, a good fit to Equation 3 was observed with an n
value of 0.51. These results may be viewed as an
indication*of a possible phase transformation upon
loading, because in nylon 6,6 the conversion from
form 1 material, represented by a higher-temperature
endotherm, to form II material has been observed
during cold drawing [19]. However, the total defor-
mation strain accumulated in the first plateau was so
large that it may not be fully accounted for by the
transformation strains alone. Other deformation

1747



2.0

1.81

1.6

1.4

1.2

Ln £,

0.8

Slope = 0.61
0.6

0.0 0.5 1.0 1.5 2.0 2.5 3.0 3.5 4.0 4.5 5.0
ln{e-g)

Figure 23 Log-log plot of hysteresis energy loss, E,, versus the
strain at unloading in the first plateau region.

mechanisms, such as crazing in amorphous regions or
viscous flow of amorphous regions, may also be con-
sidered as responsible for the deformation in the first
plateau.

4.2. Glass-fibre effects

The effects of glass fibres on the mechanical properties
of the composites were found to be strongly associated
with the role of fibre ends. Microscopically, fibre ends
are sites of the stress concentration which can enhance
the propensity of crack propagation with relatively
low fracture toughness. As a result, the fracture tough-
ness of the composites can be significantly decreased
by introducing only a small amount of glass fibres (see
Fig. 15). The effects of stress concentration at fibre
ends on the fracture toughness of the composites can
be derived to be (see Appendix)

K, = oac*f ¢ ]

cC

-1/6
v = (Qu <ndis> 5)

where K. is the effective fracture toughness of the
composite, f denotes the volume fraction of the glass
fibres; d; and S represent the diameter and aspect ratio
of the glass fibre, respectively. Equation 4 is derived on
the basis that failure ahead of cracks occurs when a
critical stress, o*, is exceeded over some critical dis-
tance ahead of the crack tip. In this model, the critical
distance is taken to be the spacing between fibre ends.
The value of o* is considered as a constant independ-
ent of fibre volume fraction, because no interactions
between fibre ends were assumed. An understanding
of the magnitude of o* can provide mechanistic in-
sights into the embrittlement effects of the fibre ends.
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The value of o* was obtained by fitting Equation 4 to
the experimental data. Using the toughness data of 1
and 5 wt % glass composites, in which the materials
failed predominantly by stress concentration effects, it
is found that the value of o* in Equation 4 is approx-
imately equal to the yield stress of the matrix, see
Fig. 24. This result suggests that failure occurs when
the first fibre end near the crack tip induces localized
matrix yielding and subsequent void formation. Link-
age of this void with the primary crack results in
catastrophic failure. Note from Equation 4 that the
toughness decrease due to an embrittlement effect is
more sensitive to the fibre diameter than to the aspect
ratio of the glass fibre, as can be seen in Fig. 24. The
model predicts that the embrittlement effects at fibre
ends will be increased when glass fibres with smaller
diameter are used.

As the glass fibre content is increased, the plasticity
at fibre ends can be significantly enhanced by over-
lapping stress fields of nearby glass fibres (see Fig. 21).
Furthermore, as fibre ends approach each other with
increasing fibre volume fraction, the plasticity at fibre
ends begin to overlap, creating extensive plasticity
around the crack tip, as was shown in Fig. 21. Failure
is now ductile in nature and, as in ductile alloys,
generally involves the linkage of several voids in an
extended process zone around the crack tip. This can
be illustrated by comparing the measured fracture
toughness of the diluted and the non-diluted com-
posites. As can be seen in Table I, the average fibre
length in the diluted composites was much smaller
than in the non-diluted composites, indicating a sub-
stantial increase of fibre-end density in the diluted
composites. From Equation 4 one would thus predict
a decrease in the fracture toughness of the composites
when only the embrittlement effects of the fibre ends
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Figure 24 The effects of fibre-end stress concentration on the frac-
ture toughness of the composite using Equation 4, with ( )
d=13pm, S=130, (-——-) d=65um, §=30, (---) d=13pum,
S = 15. (A) Experimental data.




were considered. On the contrary, the fracture tough-
ness showed a substantial increase in the diluted
composites as compared to the non-diluted com-
posites (see Fig. 15). In situ fracture observations also
showed that in the diluted composites a higher degree
of crack-tip plasticity and larger crack opening prior
to crack propagation were seen. This result strongly
indicates that fibre-end plasticity can play an import-
ant role in the fracture behaviour of the composites.

Because the fibre-end plasticity can be increased by
increasing fibre content, it is expected that a length
parameter representing the size of a plastic deforma-
tion process zone must also be increased. It is known
that the fracture energy directly scales with the size of
the deformation process zone [11, 37]. However, the
relationship for the process zone size due to inter-
actions of fibre-end plasticity may not be readily
obtainable. It is convenient to consider that the failure
of the composite can occur when a critical strain, ef, is
exceeded over a critical distance, [, from crack tip [38,
39]. This failure criterion results in a toughness equa-
tion of the form [38, 39]

ef o, E . \'"?
=l - 6
Kee < c.C, ©)

where o, E; are the yield stress and tensile modulus
of the glass composites, respectively, C, ~ 0.6 and C,
are constants. The value of C, may be determined
from the Rice and Johnson [40] small-scale yielding
solution of the distribution for plastic strain near the
crack tip [39]. Using the tensile fracture strain of the
composite, &, as the critical strain, ef, in Equation 6,
the critical distance [, can be obtained by fitting
Equation 6 to the experimental data of K. The
results are shown in Fig. 25. As can be seen, the critical
distance, I, for the 10 wt % ( ~ 0.05% in volume) glass
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Figure 25 The calculated critical distance, I, versus glass fibre
content for the (A) non-diluted and (@) diluted nylon 6,6 com-
posites.

composite is only about one fibre-end spacing. As the
glass content increases, the critical distance is also
increased to about four fibre-end spacings in the
40 wt % (=~ 0.23% in volume) glass composite. This
result suggests that the increase in fracture toughness
due to fibre-end plasticity can be regarded as the
increase of the critical distance, .. It is believed that
such an increase in the critical distance, [, is directly
related to the enhancement of the size of the deforma-
tion process zone. In the diluted composites shown in
Fig. 25, the critical distance, [, appeared to be larger
than in the non-diluted composites and was increased
from about three to five times the fibre-end spacing as
the glass-fibre content increases. Thus, the increase in
fibre-end density in the diluted composite results in
enhanced fibre-end plasticity, which in turn causes the
observed increase in the fracture toughness of the
composites.

Although fibre-end plasticity can contribute sig-
nificantly to the fracture toughness of the composites,
a critical amount of glass fibre is needed in order that
substantial interactions of fibre ends can be generated
to overcome the embrittlement effects of the fibre ends.
The critical amount of glass fibre needed for toughness
improvement depends on such factors as fibre type,
fibre diameter and fibre—matrix interface properties.
The effects of transcrystallinity due to glass fibres is
expected to be negligible, as was discussed in Part 1
[27]. However, the change in spherulite size due to the
addition of glass fibres cannot be neglected and will be
discussed in Section 4.4. The effects of fibre diameter
are now being investigated by the authors and will be
published in a subsequent paper [41]. The change in
matrix properties by annealing would inevitably affect
the deformation behaviour around the glass fibres and
hence the overall results of two competing mech-
anisms at fibre ends. The annealing effects will be
discussed in the next section.

4.3. Annealing effects

In the unreinforced nylon 6,6 it was observed that a
sharp drop of tensile properties can occur when the
material was annealed above a critical level of an-
nealing time (see Fig. 5). Similar results have also been
reported in other semi-crystalline polymers including
nylon polymers [16, 18, 31], PP [21] and PET [20]. In
many cases, the change in tensile properties due to
annealing has been correlated to the increase in crys-
tallinity. In this study, the sharp drop in tensile ductil-
ity of annealed nylon 6,6 was also observed to occur
when the crystallinity was increased above about 40%
(28 h annealing), similar to the results obtained by
other investigators [16, 18, 31]. However, it has been
suggested that in low-temperature annealing, the mel-
ting and recrystallization of crystals are unlikely to
occur and the crystals are often thickened with little
change in crystallinity. Also, in studying the high-
temperature annealing of PET, Elenga er al. [20]
found that a drastic loss in-drawability by annealing
occurred at a nearly constant crystallinity. They sug-
gested that such a change in drawability was caused
by a morphology change from lamellar crystals to
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fringed-micelle crystals during annealing. Hence, it is
not clear that the change in tensile properties of
annealed nylon 6,6 is solely due to the effects of
increase in crystallinity, even though a critical crystal-
linity of about 40% has been observed in this study
and by others [16, 18, 31]. In fact, it has been sugges-
ted that in nylon 6,6, a morphological change from
lamellar crystals to fringed-micelle crystals during
annealing is likely to occur due to its transamidation-
prone nature [19, 207]. However, the exact mechanisms
for explaining the observed change in tensile proper-
ties of annealed nylon 6,6 require further studies and
thus only the correlations between tensile properties
and annealing time are presented in this study.

In the case of fracture toughness measurements,
however, such ductile-brittle transition behaviour
upon annealing was not seen (see Fig. 22). This result
was inconsistent with the tensile results, because the
reduction of ductility and tensile strength is generally
equivalent to a loss in the fracture toughness. In the
uniaxial tensile test, the ductility reduction, as men-
tioned, was associated with a loss of the first plateau
strain. However, in the presence of high triaxial stres-
ses generated at the crack tip, it is possible that
deformation mechanisms associated with the first pla-
teau can still be operative even when the material is
annealed above the critical level. The role of stress
state on deformation mechanisms in the first plateau
deserves further study.

In the glass-filled composites, annealing resulted in
an increase in the fracture toughness (see Fig. 22). The
magnitude of the toughness increase by annealing was
more significant in the 30 wt % glass composite than
in the 10 wt % glass composite, indicating that an-
nealing had a much stronger influence in the ductile
region of composite failure. Such a significant increase
in the fracture toughness by annealing may be related
to the changes in the matrix microstructure (see be-
low) and the removal of residual stresses within the
composites. Owing to the annealing effects, it ap-
peared that the curve of fracture toughness versus the
glass-fibre content shown in Fig. 15 shifted in a coun-
terclockwise fashion by annealing, as schematically
shown in Fig. 26. As a result, the critical glass-fibre
content is decreased by annealing.

4.4, Morphology effects

In Part 1 [27], it was shown that the spherulite size of
nylon 6,6 can be decreased by the addition of glass
fibres. Such a decrease in spherulite size is most likely
a result of the excess crystal nuclei remaining in the
polymer melt during injection moulding [27].
Changes of spherulite size in a semi-crystalline poly-
mer are known to affect the material’s yield strength
and ductility [12]. However, the roles of spherulite
size in the observed property changes have not been
fully established because, in many cases, changes in
crystallite dimensions were generally associated with
variations in spherulite size [ 12]. Nevertheless, studies
of the spherulite size refinement by nucleation agents
[42] have indicated an improved ductility and yield
strength. Similar effects on the composite’s properties
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Figure 26 Schematic illustration of the combined effects of glass
fibres and annealing on the fracture toughness, K ¢, in glass fibre-
reinforced nylon 6,6.

would thus be anticipated, provided that the embritt-
lement effects due to glass fibres could be excluded.
Hence, in the composites with low glass-fibre content,
the size of spherulite is believed to be only secondary
with respect to the effects of glass fibres. In the com-
posites with high glass-fibre content, which generally
showed a macroscopic yielding, the spherulite size
effects may be more significant. However, other
changes in physical structures of the lamellac by
changing the spherulite size can also be important. A
decrease in crystallinity and possibly a smaller crystal
thickness [12], for example, can occur and may allow
a greater margin of property improvements through
annealing. For instance, the significant increase it the
fracture toughness of nylon 6,6 composites by an-
nealing may be related to this effect.

4.5. Property optimization

The above results lead to the question of competing
roles of glass fibres in optimizing the mechani-
cal properties of a short-fibre-reinforced polymer
composite. Longer fibre length is known to improve
significantly the tensile strength and modulus of the
composites; however, such improvement may be lim-
ited by the embrittlement effect at fibre ends (see
Equation 4) and result in a brittle fracture of the
composites. On the other hand, an increase in fibre-
end density can provide enhanced localized matrix
plasticity and thereby enhance the fracture toughness
of the composites. Such an increase in fracture tough-
ness may be achieved by increasing the fibre-end
density through increasing the amount of glass fibres.
However, the increase in glass-fibre content would
inevitably cause more severe fibre breakdown during



injection moulding and result in a shorter glass-fibre
length. Consequently, the enhancement in tensile
strength and modulus would be limited. The use of
glass fibres with smaller diameter, which can provide
both higher fibre strength and higher interfacial shear
stresses to generate matrix plastic deformation, may
provide better property improvements in the com-
posites. On the other hand, the embrittlement effects
at fibre ends would also increase in parallel to the
decrease of the fibre diameter. As a result, the com-
peting roles of glass fibres may still be present. The
effects of a small-diameter fibre on mechanical proper-
ties of nylon 6,6 have been studied by Sato et al. [43]
and by Watkins et al. [44]. Improved mechanical
properties have been observed for composites with
smaller fibre diameter and the existence of an
optimum fibre diameter has also been suggested [43].
However, the role of fibre diameter on the funda-
mental aspects of the competing roles of glass fibres on
deformation and fracture behaviour needs further
study.

5. Conclusions

1. In the unreinforced nylon 6,6, a region of non-
necking deformation under a constant load was ob-
served. It is suggested that such deformation is due, in
part, to a stress-/strain-induced phase transformation.

2. In the nylon 6,6 glass composites, below a critical
amount of approximately 30 wt % glass fibres, failure
was pre-yield brittle. Above 30 wt %, fracture was
post-yield ductile. The existence of the critical level of
glass fibre content was explained based on the ductil-
ization effect of localized plasticity at fibre ends.

3. Insitu fracture observations indicated that in the
low glass-content composites only very limited crack-
tip plasticity can be seen. Failure was dominated by
stress concentration effects at fibre ends. In the com-
posites with glass-fibre content greater than 30 wt %,
however, significant fibre-end plasticity was observed.
Increasing fibre end density tends to increase the fibre-
end plasticity by the overlapping of stress fields associ-
ated with nearby fibre ends.

4. The addition of a small amount of glass fibres
caused a sharp decrease in the fracture toughness of
the composites according to a — 1/6 power of the
glass fibre volume fraction. The fracture toughness
showed an increase when the glass fibre content was
higher than 10wt %. The increase in the fracture
toughness by glass fibre content was related to an
increase in the size of deformation process zone due to
enhanced fibre-end plasticity.

5. Annealing above a critical level caused a sharp
change in strength and ductility of the unreinforced
nylon 6,6. The changes in the tensile properties above
the critical level were less significant in the glass
composites. It was found that the fracture toughness
of the composites can be significantly improved by
proper annealing.
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Appendix. A fracture toughness model
for brittle composite failure associated
with fibre ends

Consider a simple composite model of an isolated
glass fibre with its fibre ends located at a distance, d,
from the crack tip, as shown in Fig. Al. Assume that
the material is free from any residual stresses and is

Crack

!

Fibre

A

d

Figure A1 A glass fibre end located a distance, d, from the crack tip.
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uniformly loaded by a remote applied stress. Assum-
ing that failure occurs when a characteristic stress o*,
is exceeded over the distance, d

o(r =d)=oc*
K

“man W

or

K., = o*(2nd)"? (A2)

where K is the critical stress intensity factor of the
composite. The distance, d, can be regarded as the
average distance between fibre ends and hence can be
related to the fibre-end density, ¢, by

1
F=¢
2f

where f denotes the volume fraction of glass fibres and
Vi is the volume of a single glass fibre. V; can be
written as

n
Ve =de2lf

e
= Zd?S (A4)

where d;, I; is the diameter and the length of the glass
fibre, respectively, and S represents the aspect ratio of
the fibre. Introducing Equation A4 into Equation A3
and rearranging, we have

&
d= -1/3
()

Thus the critical stress intensity factor or the plane-
strain fracture toughness of the composite, K., from
Equation A2, becomes

K, = ac*f 16

8
— 1/2 —-1/6
o = (2m) <Vnd?S>

(A5)

(A6)

(A7)



